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Deformation mode map of irradiated 316 stainless steel
in true stress–dose space
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Abstract

Microscopic and macroscopic deformation modes in type 316 stainless steels after low-temperature irradiation have
been mapped into the true stress–dose coordinate system. This paper defines and explains the deformation modes in
316 and 316LN stainless steels and suggests the procedures to produce a deformation mode map. A variety of microstruc-
tural features such as dislocation tangles and pileups, dislocation channels, stacking faults, and twins have been observed in
the deformation of irradiated stainless steels. Attempts were also made to depict macroscopic phenomena such as uniform
deformation, necking, and final fracture in the map. Stress criteria for twinning, channeling, plastic instability, and final
failure were proposed and used to establish boundaries between the different deformation modes. Two alternative strain
localization mechanisms, twinning and channeling, shared the high-dose region. The region of stable plastic deformation
became narrower as dose increased, while the elastic deformation region was enlarged with dose and the unstable defor-
mation region was kept unchanged over the whole dose range.
� 2006 Elsevier B.V. All rights reserved.
1. Introduction

It is known that plastic deformation in austenitic
stainless steels produces a large variety of micro-
structures depending on material and testing
conditions, which include tangled dislocations,
dislocation pileups, stacking faults, twins, disloca-
tion channels, and martensite particles [1–9]. This
complex deformation behavior is related to the
low-stacking fault energy (SFE) of the austenitic
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stainless steels (10–20 mJ/m2) [10–12]. Irradiation
hardens 316 stainless steels to a large degree by gen-
erating defect clusters and increases a tendency for
strain localization by mechanical twinning or dislo-
cation channeling [1,4,8,9]. A method to integrate
the microstructural information is mapping the
deformation mechanisms in a proper coordinate
system. Original deformation mode maps were pro-
posed by Ashby and coworkers [13–15]; where the
deformation behavior of a metal were integrated
into a diagram to depict the regions of specific
deformation modes in terms of stress–temperature
coordinates. Recently, the effect of radiation has
been considered in the construction of Ashby maps
for fcc and bcc metals [16]. Another type of defor-
mation mode map for irradiated materials includes
.
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those constructed over the engineering strain–dose
coordinates. Such deformation mode–dose maps
have been constructed for pure nickel and gold
[17], and recently for commercial alloys such as
A533B steel, 316 stainless steel, and Zircaloy-4 by
the authors [1]. The maps in Refs. [1,17] have been
produced on the basis of transmission electron
microscopy (TEM) results.

The formation of stacking faults and twins in 316
stainless steels has been explained by the responses
of partial dislocations to the applied stress; both
the empirical results and theoretical analyses con-
firmed that the true stress (or equivalent stress)
was the major parameter that controlled the micro-
scopic deformation modes [8,9]. Further, plastic
instability analysis on uniaxial tensile data showed
that the tensile plastic instability stress was indepen-
dent of irradiation dose or of the type of small
defect clusters introduced for hardening [18–20].
Although the tensile deformation after irradiation
often comprises only a small amount of uniform
deformation and a large fraction of necking defor-
mation, this could not be emphasized in the
mapping on the engineering strain versus dose coor-
dinates [1]. It is believed, therefore, that the best way
to express the effects of radiation on deformation
modes is mapping the modes into a true stress
versus dose coordinate system.

The objective of the present work is to map the
micro and macroscopic deformation modes of the
316 stainless steels into the true stress versus dose
space for room temperature deformation. To estab-
lish the boundaries between deformation mecha-
Fig. 1. Dislocation tangles in unirradiated materials: (a) 316 stainless s
deformed to 10%.
nisms and modes, the semi-empirical and
theoretical stress criteria for yielding, twinning, dis-
location channeling, plastic instability, and fracture
were developed and applied. TEM results for the
deformation microstructures after low-temperature
neutron or ion irradiation were overlaid onto the
same map for confirmation.

2. Microscopic deformation modes in 316 stainless

steels

Figs. 1–5 represent the microstructures associ-
ated with deformation mechanisms of 316 stainless
steels. The microstructures in those figures were
produced from two variants: a conventional
316 stainless steel (Fe–13.45Ni–17.15Cr–2.34Mo–
1.86Mn–0.57Si) and a 316LN stainless steel (Fe–
10.2Ni–16.3Cr–2.01Mo–1.75Mn–0.39Si–0.11N). To
produce deformation microstructures, miniature
tensile specimens were neutron-irradiated at the
coolant temperature (60–100 �C) in the high flux
isotope reactor (HFIR) at Oak Ridge National
Laboratory and deformed by uniaxial loading.
Also, 3 mm-diameter TEM disks of 316LN stainless
steel were irradiated by 360 keV helium ions at
200 �C in the triple ion beam facility at Oak Ridge
National Laboratory and deformed by bend load-
ing. Experimental conditions and mechanical prop-
erties are described in detail elsewhere [1,5–9,19,20].

Austenitic stainless steels experience all of the
major plastic deformation mechanisms, such as
normal dislocation glide, twinning, and channeling,
depending on material and testing conditions [1–9].
teel tensile-deformed to 16% and (b) 316LN stainless steel bend-



Fig. 2. Stacking faults in 316LN stainless steels: (a) before irradiation, tensile-deformed to 20% and (b) after irradiation to 0.15 dpa by He
ions, bend-deformed to 10%.

Fig. 3. Twins (dark bands) formed with other features in 316 stainless steel: Twins formed on heavy dislocation tangles (a) at 0 dpa, 57%
strain and (b) at 0.001 dpa, 55% strain; twins and tangles (c) and twins (dark bands) and channels (white bands) (d) at 0.15 dpa, 6% strain.
Both high-strain and irradiation can result in twins.
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Fig. 4. Twins formed in 316LN stainless steel after He-irradiation to a high-dose of 15 dpa and bend deformation to 10%. Twins
propagate through a grain boundary in (a) and an edge-on view of the same area shows white twin lines in (b).

Fig. 5. Channeled microstructures in 316 stainless steel after neutron irradiation to 0.78 dpa at (a) 2%, (b), (c) 5%, and (d) 32% strains.
Dark stacking fault or twin fringes are seen in the channels in (b), and a dark fringed band at the upper right corner in (c). The dark region
in (c) where three channels intersect is believed to be a dislocation tangle.
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The later two mechanisms can be classified as
microscopic strain localization [1,8,16]. Although
all of those mechanisms are plastic processes involv-
ing either ordinary or dissociated dislocations, their
microstructural features are obviously differentiated
from one another. In the map, the true stress versus
dose space consists of regions for dislocation arrays
and tangles, stacking faults, twins, and channels.
The stacking faults and twins are often accompa-
nied by dislocation tangles and pileups due to local
stress fluctuations [9].

Among the deformation microstructures, tangles
and pileups of ordinary dislocations are the low-
stress deformation products formed by slip on
{11 1}h110i systems [5–7]. Fig. 1(a) and (b) show
typical features of tangled dislocations in unirradi-
ated 316 and 316LN stainless steels, respectively.
Fig. 1(a) displays a preferred alignment along
(111) slip plane. Dislocations are often in planar
arrays and form pileups [5–9]. Although the activity
of ordinary dislocations is dominant at low-stresses
(<400 MPa [8,9]), small stacking faults are fre-
quently visible after room temperature deformation.
As the stress level increases, the arrays thicken and
form bands on {111} planes and random, tangled
dislocations appear in the matrix between the bands
[14–17]. At a high-strain, cell structures can develop
as the bands intercept each other and other disloca-
tion activity occurs to accommodate the non-homo-
geneous strain distributions [1,9,18]. These low-
stress features were dominant in the microstructure
following deformation to a few percent strain after
irradiation to low-dose (<0.01 dpa) [9] and in the
material deformed at temperatures higher than
room temperature at higher doses [9,18].

Before twins become dominant at high-stresses
(P600 MPa), there might be a transition region in
the microstructure if the material can yield below
the critical stress for twinning. An evidence for the
gradual change is that the separation distance
between partial dislocations, or the size of stacking
faults, increases from a size barely visible in TEM
(�10 nm) to essentially infinite size, or more practi-
cally to the effective grain size (�30 lm), over the
stress range 400–600 MPa [8,9]. An expression for
the separation distance of partials was previously
derived as a function of stress [8] and is given in
Section 3. The stacking fault segments were formed
by dissociation of perfect dislocations (Burgers
vector = a/2h110i type, where a is the lattice para-
meter) into Shockley partial dislocations (a/6h112i
type). After helium irradiation small stacking faults
with a length of �0.5 lm were observed at
0.0015 dpa following deformation: The size often
increased to a few micrometer at 0.015 dpa; and
finally the stacking fault fringes extended over the
whole grain at 0.15 dpa [1,9]. Examples of stacking
faults with lengths of �0.5 lm are presented in
Fig. 2. Since a large stress fluctuation can exist over
the deforming volume, the large stacking faults are
often accompanied by low-stress products such as
dislocation tangles.

Twinning becomes dominant in high-stress con-
ditions, such as during deformation following low-
temperature irradiation to high-doses (>�0.1 dpa),
at cryogenic temperatures below �100 �C, or at
strains of 50% or higher in annealed, unirradiated
material [1,9,18]. Twins are clearly seen in heavily
deformed specimens with heavy dislocation tangles
in the background, as seen in Fig. 3(a)–(c). It is
known that a mechanical twin layer is formed by
glide of partial dislocations on successive planes
[5–10]. This mechanism results in a uniform shear
strain of 70.7% in the twinned layer [10]. The calcu-
lation method for the twinning stress is summarized
in Section 3.

Both twinning and channeling are strain localiza-
tion mechanisms, which are controlled by the type
of defect clusters. Channels have been observed
primarily in neutron irradiated specimens, where
the material was hardened by removable, nanome-
ter size defect clusters [2,16,21–27]. Recent atomistic
simulation results [28–30] suggest that the radiation-
induced defects may not be completely removed or
absorbed by dislocation glides; shearing into smaller
defect clusters or transformation into glissile defect
clusters can occur during the defect–dislocation
interactions. These sheared or transformed defect
clusters should act as obstacles to dislocation glide.
In the present discussion on channeling, however, it
is assumed that the defect clusters produced by
neutron irradiation at low-temperature (<100 �C)
are almost completely removed by channeling dislo-
cations, and consequently the radiation hardening
effect exists little in the channel after the completion
of channeling process. On the other hand, the spec-
imens bombarded with He ions deformed by twin-
ning at doses higher than �0.1 dpa. Irradiation
with energetic helium ions can produce gas bubbles
as well as displacement damage. The helium bubbles
can be sheared, but can not be removed by disloca-
tions. The sheared bubbles with ledges may be
harder obstacles than the original spherical bubbles
and they might continue to be effective as barriers to
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dislocation glide [31–33]. After low-temperature
neutron irradiation, however, the defect clusters
observed are removable vacancy and interstitial
clusters of nanometer size or smaller [5,34]. Since
the removal of defects by earlier dislocation glide
enabled easier glide for following dislocations, a
highly localized deformation band, or channel, can
be formed by successive dislocation glide [21–27].
Usually hundreds to thousands of dislocations are
involved in the formation of a cleared channel
[21–24].

Although the channeling and twinning mecha-
nisms are favored in different specimens with differ-
ent defect types, both mechanisms can appear in
the same specimen after neutron irradiation to
0.15 dpa or higher [1,9]. For example, although
most of the deformation bands shown in Fig. 3(c)
and (d) contain twins and stacking faults, part of
the microstructure also includes fine channels [1].
Numerous short cross-channels and twins intercept
the major channels and twins formed on several
different slip systems. The common dose range for
the two mechanisms seems to be narrow. The
difference in deformation microstructures after irra-
diations with helium ions and neutrons was exacer-
bated at higher doses (>�1 dpa), where the effect of
helium bubbles on hardening becomes significant in
helium irradiated materials [30]. Fig. 4(a) and (b)
show the twins formed in 316LN stainless steels
after helium irradiation to a high-dose of 15 dpa.
An edge-on view shows white lines due to lack of
electron deflection in Fig. 4(b). Slight tilting from
the edge-on view reveals that some of the defects
remain in the twin bands [5–7]; while the contrast
of defect-cleared channels is not changed by such
slight tilting.

Channeling is largely favored mechanism in spec-
imens after low-temperature neutron irradiation to
a dose of 0.78 dpa, as seen in Fig. 5. The defect
cleared channels intercept each other and divide
the deformation microstructure into blocks with
little dislocation activity inside. Dark fringes within
channels indicate that there have been partial dislo-
cation activities. Considerable grain-to-grain and
in-grain variations were found in the channel widths
and spacings [1]. It is known that the active slip sys-
tems for channeling are the same as those in unirra-
diated materials, and an average of 1–3 dislocations
travel on each slip plane in the channel which may
contain hundreds of slip planes [1,21,26]. Shear
strain is well confined in the channel and is uni-
formly distributed through the width [21,26]. Fur-
ther, studies indicate that a channel is formed by
glide of hundreds to thousands of dislocations in a
very short time period of less than a millisecond
[24]. Without the contrast from small defects the
channeled area appears as a white, cleared path in
the bright field TEM images [21]. After deformation
by a uniaxial load, the channels formed in a large
grain or single crystal material are mostly straight
along the easy glide planes [1,21]. In Fig. 5 the width
of dislocation channels are relatively uniform for
the extended channels, which exclude the small
channels with limited lengths. The average width
of the developed channels is about 25 nm. Since
the {111} interplanar distance for stainless steel is
0.2062 nm, these dimensions indicate that the chan-
neling process involved about 120 adjacent {111}
planes. Narrower channels have been formed when
their growth was limited [22].
3. Stress criteria for deformation modes

3.1. Stacking fault formation and deformation
twinning [8]

A stress-based theory for the separation of par-
tial dislocations was proposed and used to explain
deformation mechanisms including the formation
of large stacking faults and twins in 316LN stainless
steel [8,9]. The theory is summarized here and used
to calculate the twinning stress and the stresses for
selected stacking fault sizes. (Note that all stress
terms defined in this section are true stresses.) Force
balance equations for the leading and trailing par-
tials with parallel line vectors were established by
considering the Peach–Koehler force by applied
stress field, the repulsive force between parallel dis-
locations, the attractive force due to the stacking
fault, and the friction force. These components
are expressed by the four terms in Eqs. (1) and
(2). In these equations, the forward forces or the
forces in the applied shear stress direction are
defined to have a positive sign and the backward
forces to have a negative sign, and all components
are defined by force per unit length of dislocation
segment [8]:

l̂� s
$ �~b1

� �h i
� x̂� cSF þ

G
2pd

~b1 � l̂
� �

~b2 � l̂
� �h

þ 1

1� m
~b1 � l̂
� �

� ~b2 � l̂
� �i

� f0 ¼ 0

for leading partial; ð1Þ
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l̂� s
$ �~b2

� �h i
� x̂þ cSF �

G
2pd

~b1 � l̂
� �

~b2 � l̂
� �h

þ 1

1� m
~b1 � l̂
� �

� ~b2 � l̂
� �i

� f0 ¼ 0

for trailing partial; ð2Þ

wheres
$

= stress tensor,~b1,~b2 = Burger’s vectors for
leading and trailing partials, respectively, l̂ = line
vector (unit vector) of dislocations, x̂ = unit vector
for x-direction, G = shear modulus, d = separation
distance between leading and trailing partial dislo-
cations, m = Poisson’s ratio, f0 = resistance force to
partial dislocation movement in the x-direction.
For simplicity, it is assumed that the largest stacking
faults are formed by partial glide in the x-direction
on the xy-plane with dislocation line vectors in the
y-direction. The largest or near-largest shear stress
component will be szx. Then, the above force bal-
ance equations are converted to scalar forms using
an angular relationship between partial dislocations,
h2 � h1 = 60�, where h1 and h2 are the angles of the
Burger’s vectors of the leading and trailing partials
with the dislocation line vector of the perfect dislo-
cation l̂, respectively. Also, defining

bp ¼ j~b1j ¼ j~b2j and ð3Þ

f ðh1; h2Þ ¼ cos h1 cos h2 þ
sin h1 sin h2

1� m
; ð4Þ

the expression for separation distance (d) of partial
dislocations was derived by subtracting one force
balance equation from the other and by rear-
ranging:

d ¼
Gb2

pf ðh1; h2Þ
pð2cSF � szxbpj sin h2 � sin h1jÞ

. ð5Þ

This equation is a generalized expression for the
stacking fault size as a function of stress [8]. It indi-
cates that the separation distance increases with
resolved shear stress, and the dissociation of a dislo-
cation can increase up to infinity when the resolved
stress exceeds a critical value, which becomes the
twinning stress as given by Eq. (6). If large stacking
faults are visible on a specific {11 1} plane, the dis-
sociated dislocations on the plane might be aligned
properly for the maximum stress effect. The influ-
ence of external stress szx is maximized when the
Burgers vector of the perfect dislocation~b coincides
with the its line vector l̂(=ŷ), or the perfect disloca-
tion is of pure screw type (̂l k~b ? szxx̂), which gives
simple angular relationships of the partials with the
perfect dislocation: h1 = �30� and h2 = 30�.
Glide of the first Shockley partial dislocation
leaves an intrinsic stacking fault behind it and needs
extra stress to overcome the attractive force due to
SFE [10]. It is known that the energies for intrinsic
and extrinsic stacking faults and for two twin-
matrix interfaces are similar [35]. Therefore, once
the intrinsic stacking fault is formed by the glide
of the first partial, the glide of a second partial on
the next plane forms an extrinsic stacking fault
behind it and erases the intrinsic stacking fault. Sub-
sequent glide on the third and successive planes do
not need additional stress to overcome the fault
energy and form a twin layer [35,36]. Therefore,
once the first partial glides, a twin layer can be
formed under a high-stress. In the theory discussed
in Ref. [8], the twinning stress in polycrystalline
material was defined by the critical stress for infinite
separation of partials (with Taylor factor = 3.07
[10]):

rT ¼ 3:07scritðd !1Þ ¼ 6:14
cSF

bp

. ð6Þ
3.2. Dislocation channeling

The dislocation channeling process has been
believed to consist of initial dislocation multiplica-
tion, softening due to the removal of defects, strain
hardening primarily due to the long range back
stress from dislocation pileup at an obstacle such
as grain boundary, and propagation through the
obstacle [22,24]. Although the channeling phenome-
non has been observed in many materials to estab-
lish its general features as described in the
previous section [21–27] and some mechanisms for
dislocation-defect interactions or defect clearing
processes have been observed and proposed [37–
41,30,42], the criterion for the phenomenon is
not clearly determined. A model based on lattice
hardening and dislocation pileup was proposed
by Makin and Sharp [24] to explain the channel
formation in irradiated copper single crystals, in
which the critical stress to form a channel is the
stress to generate the first dislocation loop in the
environment of the defect clusters. In Makin and
Sharp’s model, however, the role of grain bound-
aries was not explored. It is believed that the yield-
ing process in irradiated materials is similar to the
localized, heterogeneous deformation that occurs
during the formation of Lüders bands in hardened
materials [1,43]. To explain channeling in the
polycrystalline materials, therefore, an integrated
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process of dislocation pileup against the grain
boundary and subsequent propagation to adjoining
grains should be considered. The yield stress is
reached when the pileup dislocations can unlock a
source in the next grain or propagation occurs into
a sufficient volume of the material [43]. A critical
stress or corresponding dose level for the channeling
is needed to determine the boundary for the channel
region. In this study a simple method is proposed to
estimate the critical stress for channel propagation.
Details such as dislocation generation and interac-
tion with defects were not treated in the method;
instead, some microstructural data are used to
calculate the critical stress.

When a number of dislocations have accumu-
lated in the pileup against a grain boundary due
to clearing of matrix defects, it is unlikely for the
pileup dislocations to penetrate the grain boundary
one by one. Once a critical stress is reached at the tip
of pileup, the pileup dislocations may avalanche
into the next grain in the form of two-dimensional
pileup or an array. Thus far, it has not been possible
to record the channel growth because it is a dynamic
process occurring in a short time interval [24]. In
order to produce such a rapid dynamic process,
the driving force for channel expansion should be
a self-sustaining. The stress relaxation due to an
abrupt localized shear can be converted to an elastic
energy release in a local volume, which is used for
the propagation of a dislocation pileup. It is
assumed that the radiation-induced defects are
completely removed within channels and thus the
amount of the stress relaxation is equal to the total
hardening stress due to the defects. Since the shear
displacement in a channel formed by glide of Nc dis-
locations of Burgers vector b is Ncb, the average
shear strain in the channeled area cc can be given by

cc ¼
N cb
H c

; ð7Þ

where Hc is a characteristic height, or the range of
stress relaxation, in which the hardening stress is re-
laxed. This characteristic height may decrease as
obstacles to dislocation glide increase. Assuming
the shear strain within a channel remains constant,
finer channels will be formed in the microstructure
with more second particles, smaller grains, or more
deformation products. (Note that the assumptions
made in this model may be for well-developed, ideal
channels containing no defects. In reality, the stress
change in channeling process should be subjected to
a number of complexities such as irregular grain
shape, incomplete removal of defects, curved chan-
nels, and non-uniform stress distributions.) In the
present calculation the effective grain size is used
for the height. Then the shear stress relaxed by glide
of Nc dislocations is given by

sh ¼ Gcc ¼
GN cb

H c

. ð8Þ

Since the stress can not be relaxed below the yield
shear stress of defect-free microstructures0, the
stress for channeling is given by

sC ¼ s0 þ
GN cb

H c

. ð9Þ
3.3. Plastic instability stress

The plastic instability behavior and its relation-
ship with irradiation hardening have been analyzed
for polycrystalline metals after irradiation at low-
temperatures (<200 �C) [19,20]. In the analysis the
plastic instability stress (PIS) was defined by the true
stress at the onset of necking, and calculated from
the ultimate tensile stress (UTS) data using:

rPI ¼ UTS� expðeuÞ; ð10Þ

where the true plastic uniform strain eu is calculated
from the uniform elongation UE (in %) using the
definition of logarithmic strain:

eu ¼ lnð1þUE=100Þ. ð11Þ

In the stress–strain analyses it was shown that the
plastic instability stress is independent of radiation
dose [19,20]. Therefore, the engineering tensile curve
after irradiation showed necking at yield when the
yield stress was above the plastic instability stress
of unirradiated material. These observations are
believed to be general phenomena for hardened
metallic materials. Further, this plastic instability
stress criterion for plastic instability also turned
out to be valid for cold worked stainless steels
[18]. The plastic instability stress was independent
of cold work before testing, and the cold-worked
specimens failed by prompt necking at yield when
the yield stress reached the plastic instability stress
of the annealed material. This plastic instability
behavior after pre-strain resembled that of irradi-
ated polycrystalline metals [18–20]. The plastic
instability stress is used as the boundary between
macroscopically uniform and non-uniform defor-
mation regions in the mapping described below.
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3.4. Fracture stress

In the present calculation, the tensile fracture
stress and strain are predicted by a model based
on the analyses of experimental data [18]. The val-
ues for average strain-hardening rate during necking
(HRN) were empirically evaluated for the annealed
316LN, 20% cold-worked 316LN, annealed 304,
and annealed + irradiated 304 stainless steels, and
they were compared with their plastic instability
stress values [18]. The comparisons revealed that
the magnitude and temperature dependence of
HRN were approximately the same as those of the
plastic instability stress over the test temperature
range. It has been confirmed that the strain-harden-
ing rate is positive during necking in both irradiated
and unirradiated materials although the engineering
stress decreases with elongation [18–20,44–46]. This
should be valid as long as there is a diffuse neck,
which occurs usually in ductile metals before a final
failure by localized shear (banding) or cleavage ini-
tiation. The finding that the strain-hardening rate
remains nearly unchanged at plastic instability
stress during necking leads to the use of linear true
stress–true strain curves for necking deformation.
Such high, constant HRN values during necking
were explained by a balance between two effects:
(1) the decreasing load carrying capability due to
cross-section area contraction and due to reduction
in hardening rate in the equivalent stress–strain
response and (2) the increasing constraint effect
from increasing stress triaxiality in the neck.

Assuming a constant strain-hardening rate dur-
ing necking, the true stress–true strain curve during
the necking (eu 6 e 6 ef) can be expressed by

rðeÞ ¼ rPI þ rPIðe� euÞ ¼ rPIð1þ e� euÞ; ð12Þ
where eu and ef are the true uniform and fracture
strains, respectively. Since the values for rf and rPI
Table 1
Engineering tensile data and true stress–true strain parameters for 316

Dose (dpa) YS (MPa) UTS (MPa) FS (MPa) UE (%

0.0 234 579 541 55.60
0.0001 272 652 601 60.05
0.001 335 654 619 52.25
0.01 467 692 640 39.43
0.1 571 738 654 36.05
0.78 674 784 732 30.70

Average

Note: YS—yield strength; UTS—ultimate tensile strength; FS—fractur
true uniform strain; PIS—plastic instability stress; ef—true fracture str
can be calculated from the engineering stresses, frac-
ture strength (FS) and UTS, using Eq. (10) and

rf ¼ FS� expðefÞ; ð13Þ

we can derive a governing equation:

FS

UTS
¼ ð1þ ef � euÞ � expðeu � efÞ. ð14Þ

The solution for ef can be obtained by iterative cal-
culations using this equation and engineering tensile
data, and then the fracture stress rf is calculated
using Eq. (13).

4. Deformation mode map

4.1. Construction of deformation mode map

When determining the domains for deformation
modes (for temperatures where thermal creep is
not important), the lowest stress criterion should
be the yield stress (YS) of the material. The YS sets
the boundary between elastic and plastic deforma-
tion, and it also enables prediction of deformation
mechanism after yielding because it is often
controlled by stress [43]. It usually shows a strong
dependence on dose and thus the possible stress
range for plastic deformation becomes smaller as
dose increases. In Table 1 the average yield stresses
for 316 stainless steel are listed for various doses up
to 0.8 dpa, and the resulting YS bound curve is used
in the mapping.

Table 1 also includes plastic instability stress
data. These were calculated from UTS and eu using
Eq. (10). As mentioned previously, the plastic insta-
bility stress is almost independent of dose. Further,
different versions of type 316 stainless steels, 316,
316LN, and EC316LN had very similar values of
plastic instability stress, while the other stress
stainless steel

) TE (%) eu PIS (MPa) ef rf (MPa)

59.75 0.44 910 0.85 1322
63.30 0.47 956 0.94 1408
57.00 0.42 996 0.80 1380
42.48 0.33 966 0.78 1394
40.20 0.31 1000 0.71 1418
33.05 0.27 1024 0.68 1450

975 1395

e strength; UE—uniform elongation; TE—total elongation; eu—
ain; rf—true fracture stress.



Table 2
Constants (typical) used to calculate stress parameters for
microscopic deformation mechanisms

Parameter Description Value

a Lattice parameter 0.3571 nm
bp Burger’s vector size

of partial dislocation
0.1458 nm

b Burger’s vector size
of ordinary dislocation

0.2526 nm

d1 1 1 Interplanar distance
between two nearest {111} planes

0.2062 nm

cSF Stacking fault energy 14.2 mJ/m2

G Shear modulus 81 GPa
E Young’s modulus 208 GPa
m Poisson’s ratio 0.291
L Effective grain size 30 lm
s0 Yield shear stress 75 MPa [1]
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parameters such as yield stress and fracture stress
are slightly different among the materials. In the
mapping, the average value of 975 MPa was used
for drawing the boundary between the uniform
deformation and the unstable plastic deformation.

The highest stress that the material can sustain is
the true fracture stress. The tensile fracture stress
data calculated by Eqs. (13) and (14) are also insen-
sitive to irradiation dose, as seen in Table 1. The
average value, 1395 MPa, was used to define the
upper limit of the deformation map space. As for
true strain parameters, it is worth noting that the
true necking strain, or difference between the uni-
form strain and the fracture strain, is almost inde-
pendent of dose despite the decrease of both the
true fracture strain and the true uniform strain with
dose. This indicates that the reduction in ductility,
and probably in fracture toughness, by irradiation
is mostly due to the loss of uniform ductility.

For stacking fault and twin formation, three
stress levels are presented in the map shown in
Fig. 6. Table 2 includes the necessary parameters
for calculations. As indicated in Eq. (5), the stacking
fault size, or separation distance of partials, is a
function of stress. In the map, about 400 MPa is dis-
played as a boundary stress between dislocation tan-
gles and visible stacking faults [8,9]. For 316
stainless steels, the equilibrium (zero stress) separa-
tion between partials is about 10 nm and the stack-
Fig. 6. A deformation mode map for 316 and 316L
ing faults formed by separation of partials more
than about 20 nm are regarded as visible ones.
Two additional representative stress levels, the stres-
ses for 30 nm and 100 nm separations, were calcu-
lated and displayed in the map, which were
440 MPa and 550 MPa, respectively (Taylor factor
was 3.07 throughout this study). Also, the twinning
stress was determined to be about 600 MPa from
Eq. (6). Note that this twinning stress has been
derived from the microstructural characterization
and used in the theory application to calculate a
stacking fault energy value of 14.2 mJ/m2 for 316
N stainless steels in the true stress–dose space.
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stainless steels, which is reused in the present calcu-
lation [8].

Previous mapping by the authors [1] indicated
the transition from tangled dislocations to channels
was not a gradual procedure occurring over a large
dose range. Although the channeling occurring at
low-dose and at small strain changed to a disloca-
tion structure as strain increased [17,34], the chan-
neling started to occur at relatively well specified
doses; for example �0.1 dpa in 316 stainless steel,
�0.01 dpa in Zircaloy-4, and �0.9 dpa in A533B
steel [1]. Once channeling occurred, there was not
much mixing between tangled dislocations and
channels. The dislocations, if observed, were mostly
straight [1,21–27]. As described in the previous sec-
tions, the channeling process may occur when the
following two requirements are satisfied: (1) the
stress applied to the region should be higher than
a critical stress level, and (2) the defect clusters hard-
ening the material should be removable by disloca-
tions. Plastic deformation will be initiated by
formation of channels after irradiation to a critical
dose at which yield stress reaches the critical stress
for channeling.

Since rapid channel growth was assumed in
deriving Eq. (9), the stress determined by this equa-
tion must be the critical stress for a well-developed
channel only. To use Eq. (9), we need to evaluate
the number of channeling dislocations Nc. This
was obtained from the channeled microstructures
at 0.78 dpa [1]. The largest shifts at channel intersec-
tions sc were about 50 nm (the largest shifts should
be used because the projection of the shifts appear
smaller when the Burgers vector b is not on the
image plane). The size of b is 0.2526 nm for 316
stainless steels. Then the number of dislocations
can be calculated by the shift divided by the Burgers
vector size; Nc = sc/b � 200. Using these values and
those in Table 2, Eq. (9) gives 210 MPa for the crit-
ical shear stress for channeling (or equivalent stress
rC = 640 MPa). This yield stress is achieved in
stainless steel irradiated to a dose above 0.1 dpa.

4.2. Discussion on the deformation mode map

Fig. 6 presents the deformation mode map that
integrates much of the information described above.
Available microstructural data were overlaid in the
regions for deformation modes bounded by the
stress/dose criteria. The microstructural data con-
firm that the regions for the different modes are well
defined by the stress-based boundary settings. In the
previous studies [1], only a few microstructural data
were produced for the region of unstable deforma-
tion and there was no confirmation on the micro-
scopic mechanisms for the region. This lack of
data for necking deformation is partly because the
preparation of a good TEM sample is difficult with
thin, miniature specimens [1]. Since the plastic insta-
bility occurs due to the change of macroscopic
geometry, it is believed that the deformation mech-
anisms are not affected significantly by the onset of
necking, but change very gradually, if at all, as the
stress and stress constraint in the neck increase with
strain. If compared at the same dose levels, there-
fore, the deformation mechanisms within the plastic
instability regime are expected to be similar to those
at the onset of plastic instability after uniform
deformation.

The deformation mode map shows that the uni-
form deformation region, which is bounded by yield
stress and plastic instability stress, becomes nar-
rower as dose increases, while the elastic deforma-
tion region was enlarged with dose by the same
amount. The uniform deformation region is pre-
dicted to disappear at a dose of �30 dpa as the yield
stress curve crosses the PIS line [19,20]. The region
for plastic instability is kept unchanged over the
whole dose range. A key improvement found in this
new mode map is that the unstable deformation
occupies a large fraction of the whole space. This
permits the importance of the necking deformation
which accounts for at least 50% of total true strain,
Table 1, to be presented for its importance. In the
previous deformation maps employing an engineer-
ing strain versus dose coordinate system, the region
for instable deformation was very narrow; most of
the necking strains measured were less than 5% in
the engineering strain unit [1]. As indicated in Table
1, the necking strain in true strain unit is about 40%
over the whole dose range considered.

The most incomplete part in the mapping is
drawing a boundary for dislocation channeling.
Although short and narrow channels were observed
at 0.15 dpa after neutron irradiation, these channels
were formed in twinned areas that contained stack-
ing faults and twins [1]. To be regarded as a domi-
nant mechanism, well developed channels should
be found over a majority of the deformed area. It
is believed that those small channels represent only
a local phenomenon and should appear at a mecha-
nism transition from twinning to channeling. Well-
developed channels were observed at 0.78 dpa, as
seen in Fig 5. Therefore, the critical dose for the
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‘developed’ channels should be in between those
two doses. The critical stress determined by Eq.
(9) is 640 MPa, which is also between the two yield
stresses at those doses, 571 MPa and 674 MPa,
respectively. More experimental justification is nec-
essary to obtain an improved critical stress value for
channeling.
5. Conclusion

(1) Microscopic and macroscopic room tempera-
ture deformation modes and stress parameters
in type 316 stainless steels after irradiation
have been integrated into a map with true
stress–dose coordinates. The true stress–dose
space was divided into six different regions
representing microscopic and macroscopic
features: (1) dislocation tangles (and pileups),
(2) dislocation channels, (3) large stacking
faults, (4) twins, (5) elastic deformation, and
(6) plastic instability and fracture.

(2) To draw boundaries between the regions in
the deformation mode map, the stress criteria
for twinning, channeling, onset of plastic
instability, and final fracture were evaluated
using theoretical models and experimental
data. Those stress criteria were calculated as
600 MPa, 640 MPa, 975 MPa, and 1395 MPa,
respectively.

(3) The microscopic deformation mode at high-
doses and high-stresses was dependent on the
type of defects. Twinning was favored with
non-removable defects such as heavy disloca-
tion tangles and gas bubbles, while dislocation
channeling was the alternative mechanism
with the removable defect clusters produced
by neutron irradiation.

(4) The deformation mode map showed that the
region of stable plastic deformation became
narrower as dose increased, while the elastic
deformation region was enlarged with dose.
The region for plastic instability was unchan-
ged over the entire dose range.
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